We investigate the residual strains in a free-standing Cu/Nb multilayer of 30 nm nominal layer thickness with synchrotron x-rays. This material system is characterized by columnar grains of Cu and Nb with incoherent interfaces and a sharp physical-vapor-deposition texture. High energy x-rays were used with an area detector along with multiple sample rotations to yield diffraction strain components in a very large number of directions. Due to the texture and the elastic anisotropy of constituents, observed diffraction strains cannot be derived from a single strain tensor ͑also known as linear sin 2 ͒. Orientation-dependent diffraction strain modeling is utilized with a Vook-Witt micromechanical model. Obtained phase-resolved in-plane stress magnitudes are −515 MPa in Nb and +513 MPa in Cu, satisfying force equilibrium within experimental errors. The stresses of this magnitude will certainly influence the mechanical behavior of the multilayer upon further loading. The Vook-Witt model describes the Nb diffraction strains very well, and thereby provides information on the stress distribution in crystallites as a function of their orientation. On the other hand, the same level of agreement with the Vook-Witt model has not been achieved for Cu diffraction strains.
I. INTRODUCTION
Recently, there has been a significant interest in understanding the deformation mechanisms in ultrahigh strength nanoscale metallic multilayers. [1] [2] [3] [4] [5] [6] As the layer thickness is reduced to a few nanometers, the flow strength, as inferred from hardness measurements, for metallic multilayers such as Cu-Nb is on the order of 2 GPa. 3 On the other hand, the mechanical properties of these materials have not been explored in any significant detail via tensile tests. 6, 7 However, valid interpretation of the mechanical behavior through these tests requires a knowledge of residual stresses-stresses that exist in the multilayer before the application of any load. Here, as the first part of a two-part study with synchrotron x-rays, we have addressed the nature and magnitude of residual stresses in nanoscale Cu-Nb multilayers and laid out a rigorous analysis method. The second study on in situ diffraction observations of Cu-Nb multilayers under tensile loading will be presented in the near future and is contingent on the findings of this article. Use of diffraction with high-energy synchrotron x-rays ͑SXRD͒ has proved to be ideal in this investigation since ͑i͒ the entire thickness of the multilayer film can be sampled via the transmission of the high-energy x-rays, ͑ii͒ diffraction is inherently phase resolved and allows us to investigate Cu and Nb independently, and ͑iii͒ shallow Bragg angles allow the capturing of the two-dimensional ͑2D͒ strain state in a sample plane with a single exposure. The latter means a few carefully chosen sample rotations, each exposing the 2D strain state in a different sample plane, suffice for an overdetermined analysis of the three-dimensional strain state. On the other hand, diffraction-measured strain is a complicated quantity. It is averaged over the properly oriented grains and carries the signature of the interplay between local fields of texture and strain. This effect is particularly acute in this case, since ͑i͒ the multilayers are produced with physical vapor deposition and have a sharp deposition texture and ͑ii͒ the constituents, Cu and Nb are highly elastically anisotropic. Hence, proper reduction of stress and strain fields requires a valid micromechanical model and also texturedependent evaluation of the diffraction-measured strain. The approach here follows the studies of, e.g., Almer et al. 8 and van Leeuwen et al., 9 where stresses in physical-vapordeposited thin films were considered.
Nanoscale multilayers are known to develop significant a͒ Author to whom correspondence should be addressed. Electronic mail: aydiner@lanl.gov residual stresses during film growth. 10 However, a crucial distinction of this study is that residual stresses are investigated in the free-standing multilayer, i.e., after it was removed from the substrate. In a monolithic film, this would lead to substantial relaxation of residual stresses. For the multilayer system, on the other hand, inherent strains among layers of Cu and Nb are introduced during deposition. This means, even after removal from the substrate, significant residual stresses can exist in each phase, although the stresses would change in value during removal to satisfy force equilibrium.
II. EXPERIMENTAL

A. Sample preparation
The Cu/Nb ͑face-centered cubic/body-centered cubic͒ multilayer used in this study was direct current sputter deposited on Si ͑100͒ substrates that have a native SiO 2 layer. The chamber was evacuated to a base pressure of Յ5 ϫ 10 −8 Torr prior to deposition. During deposition, the Ar partial pressure was about 5 mTorr and power supplied to the sputter targets was 300− 350 W. Starting with a Cu layer, 1000 alternating layers of Cu and Nb were deposited, with 30 nm nominal thickness each. The multilayer was then separated from the Si substrate by peeling. Finally, dog bone shaped samples with a 10 mm long, 3 mm wide gage section were produced by electric-discharge machining.
The sample was examined with a JEOL 3000F transmission electron microscope ͑TEM͒ operating at 300 kV. As shown in a bright-field TEM micrograph in Fig. 1 , the sample is polycrystalline with a columnar grain structure. During deposition, Cu/Nb grains grow by stacking closepacked ͕111͖ / ͕110͖ planes, and, for both phases, the ratio of grain in-plane dimension to height is about 2. In the plane of the layers, however, Cu/Nb grains are oriented randomly about the film normal. The TEM images were used to accurately determine the layer thicknesses of Cu and Nb layers as 26.6 and 28.5 nm for Cu and Nb, respectively.
B. Synchrotron x-ray experiment
Experimental details
Diffraction with monochromatic high energy ͑80.715 keV͒ x-rays was used to investigate the residual strains in the Cu-Nb sample. The experiment was performed at the 1-ID beamline at the Advanced Photon Source, Argonne National Laboratory. To hold the film sample straight, it was put under a mild tension of 11 MPa in a load fixture. High energy x-rays penetrate through the 27.5 m thick sample and allow the use of "transmission geometry" shown schematically in Fig. 2͑a͒ . The incident x-rays with flight path shown by the vector b intersected the sample at the center of the gage section. The beam size was 200ϫ 200 m 2 and the diffraction volume engulfed on the order of 10 9 grains for both phases. Sample coordinates ͑S 1 , S 2 , S 3 ͒ are defined such that S 2 and S 3 coincide with the vertical and the film normal, respectively. The Bragg angles are very small ͑1.5°−5°͒ due to the wavelength of the x-rays used. This allowed entire diffraction rings ͓R hkl in Fig. 2͑a͔͒ to be captured on a GE Revolution 41RT area detector ͑41ϫ 41 cm 2 area, 200 ϫ 200 m 2 pixel size͒. A relatively long detector-tosample distance ͑D͒ of 1440 mm was selected for high strain resolution. At this distance the detector encompassed Nb ͑110͒, ͑200͒, ͑211͒ and Cu ͑111͒, ͑200͒, ͑220͒ reflections.
The diffraction geometry arguments that follow are valid for both phases. For a grain to give rise to a diffraction spot 
FIG. 2.
͑a͒ Transmission geometry strain measurement with high energy x-rays: The Cu-Nb multilayered film with ͑S 1 , S 2 , S 3 ͒ coordinate system is shown in the front. An incident x-ray beam is shown with the arrow that is labeled b. Crystallites with ͕hkl͖ planes that are normal to the diffraction vectors, k , cause diffraction spots on the area detector, at corresponding azimuthal angles . C hkl is the cone with axis b formed by all diffraction vectors; R hkl is the corresponding diffraction ring on the detector; and is the Bragg angle. In this part, the incident beam b is normal to the film plane, such that the angle ⍀ between S 3 and b is 0. ͑b͒ The configuration where the sample is rotated by ⍀ = 75°about the S 2 axis. Diffraction vectors k 0 and k 180 are specifically shown to make angles 15°± with the film normal.
for an hkl reflection, one of its ͕hkl͖ planes must make an angle with the beam b, such that satisfies the Bragg condition = 2d sin , ͑1͒
where d is d-spacing for the specific ͕hkl͖ and = 0.15388 Å is the wavelength. Alternatively, the normals of diffracting ͕hkl͖ planes lie on the cone C hkl shown in Fig. 2 , which is formed by diffraction vectors k. The azimuthal location of the diffraction vector on this cone is described by the angle and scattering vectors are correspondingly labeled as k . When a grain is oriented such that its ͑hkl͒ normal is aligned with k , its diffraction spot appears at the corresponding on R hkl . For example, in Fig. 2͑a͒ , the scattering vectors k 0 and k 90 diffract to spots at = 0 and 90°on the detector. Strain is determined in the direction of each k by measuring the radius, r, of R hkl at the particular . Details of strain reduction are given in the next section. An additional outcome of small Bragg angles is that the C hkl cones are compressed into the b Ќ plane, which is normal to the beam. Hence, to a very good approximation, R hkl rings are representative of the 2D strain state in the b Ќ plane. Here, the sample is rotated about the S 2 axis so that strain state in different planes of the sample is investigated. The angle of rotation is defined between plane normal S 3 and beam b and denoted by ⍀. Figure 2͑a͒ shows the configuration at ⍀ = 0 where the beam is normal to the film plane and the strains in the film plane are measured. Additional diffraction images were recorded at ⍀ = 60°, 65°, 70°, and 75°. Figure 2͑b͒ shows the configuration at ⍀ = 75°, where k 0 and k 180 make small angles ͑15°± ͒ with the film normal. Hence, the strains determined along these diffraction vectors are close to the strain in the film normal direction. Conversely, k 90 , that is nearly coincident with the sample rotation axis S 2 , will remain in the plane of the film regardless of the sample rotation ⍀.
Figures 3͑a͒ and 3͑b͒ show the images recorded on the area detector at ⍀ = 0°and 75°, respectively. In addition to Cu and Nb rings, the images contain rings from National Institute of Standards and Technology powder standard CeO 2 applied as a thin layer on the surface of the sample. In Fig.  3͑a͒ , where the incident beam is normal to the plane of the sample, Cu/Nb rings have uniform intensity over angle owing to the random texture of the grains in the film plane. As ⍀ is increased Cu/Nb rings start to exhibit the strong texture in the film normal direction. In the case of ⍀ = 75°͓ Fig. 3͑b͔͒ , the rings are spotty, i.e., there are a great number of grains oriented to diffract about certain values and there are scarcely any elsewhere. The use of multiple ⍀ rotations to obtain a more complete set of strain data was especially important given the scarcity of diffraction data along most hkl rings.
Strain data reduction
Strain along each scattering vector, k , is obtained through the measurement of radius r at the corresponding .
The first step of the numerical procedure is to integrate ⌬ slices ͓shown in Fig. 3͑a͔͒ into one-dimensional intensity ͑I͒ versus r patterns for a fixed . Here, ⌬ was selected as 5°r esulting in 72 one-dimensional patterns and the integration was performed using the FIT2D ͑Ref. 11͒ program. The peaks in the one-dimensional patterns are then fit with a pseudoVoigt distribution to yield position, intensity, and width of the peaks. Here, peaks are individually fit considering a narrow range of data about each and it was sufficient to only consider constant and linear terms for the background function.
Subsequently, by the iterative calling of the earlier procedure, the position results for the strain-free CeO 2 peaks are used to precisely compute beam center, detector tilt, and sample-to-detector distance ͑D͒. These corrections are imperative for strain resolution with high energy x-rays. Both peak fitting and CeO 2 corrections are implemented by codes written in python using SciPy ͑Ref. 12͒ classes.
Following the internal standard corrections, the position ͑r͒ of Cu/Nb peaks is converted to Bragg angle by = ͑1/2͒arctan͑r / D͒ and d-spacing can be determined by inserting into Eq. ͑1͒. With d obtained as such, strain is given
Equivalently, we will express the strain in terms of lattice parameter a, given by 
which allows the comparison between the computed values of a 0 for different hkl reflections. As with any diffraction strain measurement, use of a literature a 0 value is unreliable. Rather, a 0 is evaluated as a part of the analysis which makes assumptions on the nature of the strain field and compares the predictions of such a model to the strain data. For example, the linear d versus sin 2 analysis assumes all crystallites have the same strain tensor. 13 In this study, this assumption will be shown to be unsatisfactory and the model described in the next section is considered.
III. THEORY A. Diffraction strain in textured systems
The following formulation that links diffractionmeasured strain ͓Eq. ͑2͔͒ and strains in individual grains has been developed ͑see, e.g., Refs. 8 and 9͒. Here, the discussion is kept brief and the reader is referred to these references for implementation details. First, the strain tensor is assumed to be a function of grain orientation, g,
where the use of brackets means is an average over grains of orientation g. Furthermore, only the normal strain component along k is measured with diffraction, which is given by
Second, the orientations of grains that would contribute to the diffraction spot ͑hkl, k͒ are identified. Suppose a diffracting grain of orientation g, with its ͑hkl͒ normal aligned with k. This grain can be fictitiously rotated about k by any angle ␣ and the diffraction condition would be preserved for the new orientation. This means a one-parameter family of orientations diffract to the ͑hkl , k͒ spot, which will be denoted by g k hkl ͑␣͒, 0Յ ␣ Ͻ 2. Thus, the diffraction strain is further an average of k ͓g͔ over all diffracting orientations g k hkl ͑␣͒. In a textured system, this average is a weighted average
where the weighing function, F͑g͒, is the orientation distribution function ͑ODF͒. Thus, ͗ k hkl ͘ defined by Eq. ͑5͒ is directly comparable to the measured strain of Eq. ͑2͒.
B. Micromechanical model
In this study, the Vook-Witt model was implemented as the specific micromechanical model that defines ͓g͔. This model 14, 15 was developed to describe strains in transversely isotropic thin films. It assumes a uniform equibiaxial strain field in the film plane for all grains, yet each grain's contraction in the out-of-plane direction is not restricted. Hence, the assumed boundary conditions for strain and stress components in the sample coordinates ͑Fig. 2͒ are given by
where ʈ is the uniform in-plane strain. Here, although it will be shown to be a minute effect, holding tension ͑ ten = 11 MPa͒ has also been accounted for by a modification of the first two conditions
where E ʈ = 124 GPa and ʈ = 0.404 are the composite inplane Young modulus and Poisson's ratio of the Cu-Nb multilayer for the specific texture calculated with polycrystal averaging. 16 Given these boundary conditions, the remaining components of strain and stress tensors can be solved 17 via the constitutive equation
where C ijkl s and C ijkl c are the components of the stiffness tensor in sample and crystal coordinates, respectively, and g ij is the crystal-to-sample rotation matrix corresponding to orientation g. The values that are used for C ijkl c are given in Table  I . In conclusion, via Eq. ͑8͒, the out-of-plane components of the strain tensor, i3 s , are also determined and they areunlike the in-plane components-functions of orientation. The solution of Eq. ͑8͒ and the integration of Eq. ͑5͒ with adaptive quadrature are numerically implemented using SciPy. 12 For stresses, given imposed i3 s = 0 per each orientation, the model determines only 11 s , 22 s as a function of crystallite orientation g. The average in-plane stress, ʈ ͓g͔, in crystallites with orientation g is then
where 1 and 2 are the two nonzero eigenvalues of the stress tensor which give the minimum and maximum values of the stress in the film plane. ͑Notice i3 s = 0 leads to 3 ͓g͔ =0.͒ The average in-plane stress, ͗ ʈ ͘, in a Cu ͑or Nb͒ layer is then given by an ODF-weighted average of ʈ ͓g͔ over the three-dimensional orientation space G,
. ͑10͒ 
C. Texture determination
The texture of Cu-Nb multilayers have been previously investigated.
1 The system has fiber texture where Nb ͑110͒ and Cu ͑111͒ poles exhibit a narrow mosaic spread that has polar symmetry about the film normal. Here, the texture will be optimized for the sample of this study using the diffraction data. Figure 4 demonstrates a set of crystal axes ͑C 1 Ј,C 2 Ј,C 3 Ј͒ for Nb/Cu such that the ͓110͔ / ͓111͔ direction that makes the smallest angle to the film normal is chosen as C 3 Ј. Let us call the orientation defined with alternative crystal axes ͑C 1 Ј,C 2 Ј,C 3 Ј͒ gЈ. The corresponding Euler angles ͑ , , ␥͒ are shown in Fig. 4 . Fiber symmetry implies that texture is random about angles and ␥. Also noting gЈ is related to g, which is defined with respect to ͗100͘ axes, with a fixed rotation, the ODF can be expressed as
F ͑͒ is, in essence, the function of mosaic spread of Nb/Cu crystallites about the ͓110͔ / ͓111͔ deposition axes. At this point, note the ͑integrated͒ intensity for a spot ͑hkl , k͒ can be expressed as
where I c ͑hkl͒ accounts for all the other contributors of intensity 18 ͑multiplicity factor, structure factor, incident intensity, etc.͒ except the preferred orientation factor that is represented by the integral expression. ͓The first integral expression is generic whereas the second incorporates Eq. ͑11͒.͔ In this study, the experimental data for integrated intensity are optimized for F ͑͒ using Eq. ͑12͒. This optimization is performed by selecting an appropriate functional form for F ͑͒ and optimizing its parameters with a Lavenberg-Marquardt algorithm. 12 Specifically, the tail of a Weibull distribution with parameters ͑ , b͒ is used, given by
. ͑13͒
IV. RESULTS AND DISCUSSION
A. Texture Figure 5 shows the optimized mosaic spread function, F ͑͒, for Cu and Nb. In this optimization, the entire set of integrated intensity data was considered for each phase, namely, all available hkl rings at all sample rotations ͑⍀ =60°,65°,70°,75°͒. It is clear from Fig. 5 that the optimized mosaic spread is similar in Cu and Nb; at halfmaximum value of F , = 3.38°and 3.67°, respectively. There is no a priori physical reason why the assumed functional form of Eq. ͑13͒ was preferred over other standard probability distributions such as Gaussian, Voigt, etc., that we also tested against the intensity data. This form was chosen since it provided better and satisfactory fits to the data ͑the weighted residual 18 was under 7% for both Nb and Cu fits͒, and hence, can be assumed to reasonably describe F ͑͒. A subset of intensity fits are shown in the bottom sections of Figs. 7 and 8 for Nb and Cu, respectively.
B. Strain
Main features of the data
In this section, we describe the experimental findings of the Nb ͑110͒ reflection in detail; however, the points that will be made are valid for all other ͑Cu and Nb͒ reflections. The main section of Fig. 6 shows the reduced lattice parameter a versus azimuthal angle, , for this reflection. We will make the following points.
The ⍀ = 0 data, which traces the in-plane strains, is approximately flat pointing to an equibiaxial strain state in the film plane. The small wiggle which can be discerned is due to the 11 MPa holding tension. This is indicative of the sensitivity of the measurement. Furthermore, as stated in Sec.
II B 1, at = 90°, the in-plane strain is measured for all ⍀. Accordingly, the fact that all ⍀ curves meet at = 90°also imparts confidence in the data reduction procedure described in Sec. II B 2. Recall from Fig. 2͑b͒ that ⍀ = 75°, = 0°and 180°cor-respond to directions that are quite close to the film normal.
The reduced a data in Fig. 6 show these points are in tension relative to the in-plane strain. This immediately allows us to infer that the in-plane strain ͑ ʈ ͒ of the Nb layers is compressive and that leads to a Poisson expansion ͑tensile strain͒ in the direction of the film normal. ͑It will be shown that the exact opposite is true for Cu reflections.͒ For quantitative determination of strains, however, a 0 needs to be found ͓Eq. ͑2͔͒ through a representative modeling of the strain field. The strain on the right axis of Fig. 6 uses the a 0 that will be determined in the next section using the texture-dependent modeling of Sec. III A. In contrast, the inset of Fig. 6 sketches the a ͑or k ͒ prediction of a uniform strain tensor assumption. This means the same strain tensor ͑with nonzero components of 11 = 22 = ʈ and 33 = Ќ ͒ is assigned to all crystallites regardless of their orientation. As shown, the curves under this assumption are smooth and, to a very good approximation, sinusoidal-they would be perfectly sinusoidal if = 0. Clearly, these constant-strain-tensor curves do not represent the "features" of the data, a term that will be reserved for the observed deviations from sinusoidal behavior. The most obvious feature for Nb ͑110͒ is the flat section in the interval ͓80, 100͔°for ⍀ = 60, 75°. ͑Devia-tion from sinusoidal behavior in these plots is analogous to deviation from linearity in a d versus sin 2 plot. 13 Here, we will continue plotting our strain results versus -without converting them to d versus sin 2 plots as detailed in Ref.
8-for better visual resolution of the features.͒
Following the symmetry of the sample and holding tension, the model-predicted k versus distribution has mirror symmetry about = 180°. The data also support this symmetry within experimental errors. Hence, for better visual resolution in the subsequent plots for all Cu/Nb reflections, we will collapse the data to the ͓0 , 180͔°range by modifying k values and error bars by
͑14͒
Here, note the individual error bars of the two combined points represent only the peak-fitting uncertainties whereas the combined error bar contains other error sources such as the uncertainties in the detector parameters ͑e.g., beam center͒. In addition, recall the diffracted intensity fluctuates over for ⍀ 0. Consequently, over an span that the intensity drops, strain uncertainty increases. At some value of , before the peak disappears completely, the data start to come from a very limited number of off-axis ͑high ͒ grains. Note, such data points do not satisfy the crystallite averaging implied in Eq. ͑3͒ and, being dependent on individual crystallites, are not readily comparable to the model. For this reason, to prevent unnecessary clutter on the figures, data points with error bars higher than ±1000 will not be shown.
Model-experiment comparison
Selected results for Nb ͑110͒ and ͑211͒ reflections are shown in Fig. 7 ͑⍀ = 60°,75°results are omitted for clarity͒. For each reflection, there are two plots showing, ͑i͒ texture component of integrated intensity ͑bottom͒ and ͑ii͒ diffraction strain ͑top͒, as a function . In both intensity and strain plots, the symbols represent the data and the lines represent the model fit. The model for texture was detailed in Sec. III C and the fit results were presented in Sec. IV A. This optimized texture is then input to the model for strain ͑Secs. III A and III B͒. At this point in strain analysis, the modelexperiment comparison takes only two free parameters, a 0 and ʈ , to be optimized with the entire set of lattice parameter data, for all hkl and k in every sample plane ͑⍀͒. In this optimization, data points were weighted inversely with their experimental uncertainty.
For comparison purposes, a 0 and ʈ are first fit separately for Nb ͑110͒ and ͑211͒ reflections. The results for both parameters are virtually equal ͑within 100 ͒ for these two cases, given by a 0 = 3.3043 Å and ʈ = −3100 , eliminating the need for an overall fit. It is more important to realize that this agreement arises from the fact that the features of the k curves are captured by the model for both reflections ͑as shown in Fig. 7͒ . This agreement corroborates the assertion that the implemented boundary conditions of the VookWitt model ͓Eqs. ͑6͒ and ͑7͔͒ are valid for Nb layers.
At this point, we note that the earlier agreement holds for both the ⍀ planes that are omitted in Fig. 7 and the scarce data points of Nb ͑200͒ reflection ͑not shown͒. For this lowmultiplicity reflection, the span that has considerable diffracted intensity is very limited. In contrast, notice on Fig. 7 that Nb ͑211͒ intensity rarely drops to near-zero levels over its diffraction ring for any ⍀. However, even when intensity drops to the level that strain data points are not available ͑see, e.g., Nb ͑110͒ ⍀ = 75°curve, 140Ͻ Ͻ 170͒, the model strain given by Eq. ͑5͒ remains well defined. This is because virtually zero ODF values appear both in the numerator and denominator of Eq. ͑5͒. Although model-experiment com- 
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admit that the shape agreement is limited for Cu, to pursue stress analysis, the previously detailed optimization procedure is applied to obtain a 0 = 3.6186 Å and ʈ = + 1980 using both reflections ͑111͒ and ͑220͒. Given the deterministic nature of the data that lays out the differential between in-plane and out-of-plane strains, and the averaging effect of the optimization procedure, we believe the obtained ʈ is still a good estimator for the average in-plane strain. Hence, it will be used for equilibrium verification in the following section. Also, for a unified discussion, we will address the obvious question as to why Cu and Nb exhibit different levels of the model-experiment agreement following the next section.
C. Cu-Nb multilayer stresses and equilibrium
Cu-Nb is an incoherent system with approximately 12% lattice mismatch between ͗111͘ Nb and ͗110͘ Cu directions in the ͕111͖Nbʈ͕110͖Cu interface. Thus, no coherency stresses develop in this system. 19 Also, the deposition is made at ambient temperature, so stresses due to a mismatch in the coefficients of thermal expansion can also be ruled out. Rather, vapor-deposition-induced growth stresses and interface stresses are primary sources of stresses in these films. 10, 20 Growth stresses are generated during the coalescence of individual crystallite islands during deposition, whereas interface stresses arise from the reversible work per unit area to elastically deform the interface.
Consequently, the average in-plane stress in the Cu-Nb multilayer can be expressed as
where v Nb = 0.517 and v Cu = 0.483 are TEM-determined volume fractions, f i is the interface stress, 21, 22 and t b = 27.5 nm is half of the bilayer thickness. Before removal from the substrate, ͗ ʈ ͘ x ͑x =Cu,Nb͒ in the earlier expression are equal to growth stresses, denoted by x g . Also, let us signify the before-removal average stress by av br . Separating the material from the substrate enforces the material to a new equilibrium with av =0. ͑Here, also note that deposition of 500 bilayers makes net moment insignificant during deposition, and hence, moment equilibrium is trivially satisfied upon removal.͒ Furthermore, it is logical to assume that the interface stress term is not affected by substrate removal. This means, after removal, ͗ ʈ ͘ x in Eq. ͑15͒ equals x g − av br ͑x =Cu,Nb͒. This quantity is what diffraction provides us with the average layer stress defined by Eq. ͑10͒. Numerical integration of this equation yields ͗ ʈ ͘ Nb = −514.6 MPa and ͗ ʈ ͘ Cu = + 512.8 MPa. These values applied to Eq. ͑15͒ yields 0 = av = −18.4+ f i / t b ͑in MPa͒. Note the net stress in Cu-Nb layers, −18.4 MPa, is less than 4% of the analyzed ͗ ʈ ͘ x magnitudes and satisfies equilibrium within analysis/experiment errors without the contribution of the interface stress term. Hence, if we trust the measured stresses, f i / t b should be very small. This is indeed in agreement with recent atomistic calculations 23 of Cu-Nb interfaces, yielding ͉f i ͉ Ͻ 0.6 J / m 2 . Divided by t b , the magnitude of the interface stress term is less than 22 MPa. With this information, we conclude that the Cu and Nb stresses, which were obtained independently with x-rays, satisfy equilibrium; strongly corroborating the obtained stress magnitudes. Particularly, we have more confidence in the average ʈ obtained for Cu in the last section.
Indeed, the match of features between experimental and modeled diffraction strain curves pertains more to inferring the nature of intergranular stress ͑strain͒ fields than finding an average stress value. The variation of the stress in the multilayer crystallites within the predictions of the VookWitt model is presented in Fig. 9 . This figure plots the inplane principal stresses ͑ 1 and 2 ͒ as a function of orientation g, here more conveniently represented by the Euler angles ͑ , , ␥͒ of Fig. 4 . It is easy to see that principal stresses do not depend on , the rotation about the film normal. The x axis of Fig. 9 is chosen as and limited to a ͓0 , 12.5͔°interval, as crystallites exist only in this range ͑see Fig. 5͒ . However, stress state is also a function of ␥ and Fig.  9 shows envelopes that encapsulate stress results for all ␥. For Cu crystallites with ͓111͔ axes that are aligned with the film normal ͑ =0͒, the stress state corresponding to equibiaxial strain with Vook-Witt conditions is also equibiaxial. This leads to equal principal stresses at = 0. For Nb crystallites with ͓110͔ axes that are aligned with the film normal, however, the stress response to the imposed equibiaxial strain is orthotropic. This results in the splitting of principal stresses shown in Fig. 9 . ͑For the analytical solution of the Vook-Witt problem for both ͓111͔ and ͓110͔ axes, see, e.g., Ref. considered equibiaxial strain. ͑The i3 s = 0 condition is kept identical.͒ For Nb, with the orthotropic ͓110͔ axis, one can guess that imposing equibiaxial stress would lead to a complicated in-plane strain field. Indeed, simulations with Reuss model ͑not shown͒ predict spurious features for Nb that are not supported by the data. Consequently, stress distributions of Fig. 9 seem realistic for Nb, although one should be careful that these can be regarded only as average stresses for orientation g. The stress distribution of Cu shown does not warrant confidence, yet Vook-Witt predictions for Cu also seem somewhat better than Reuss predictions ͓e.g., Reuss prediction misses out the double hump in the ͑111͒ reflection altogether͔.
D. On Cu and Nb model-experiment agreement
Here, we discuss possible reasons of the inferior modelexperiment agreement in Cu. First, we note that the experimental features for Cu ͑with the rather drastic dips in Fig. 8͒ are more pronounced than those of Nb ͑Fig. 7͒. This is related to the fact that Cu is more elastically anisotropic than Nb ͑anisotropy ratios are given in Table I͒ resulting in sharper changes in ͓g͔. This makes Cu curves more sensitive to the failure of any of the following assumptions of the Vook-Witt model.
This fundamental assumption of the model physically states that crystallites are constrained to deform uniformly in the plane, despite the fact that unconstrained individual crystallites would prefer to deform inhomogeneously due to their elastic anisotropy. This constraint, in essence, stems from the requirement of compatibility and it is imposed on each crystallite by its neighbors. Analogously, in a three-dimensional polycrystalline solid, the Voigt assumption enforces compatibility by stating that each crystallite has to conform to the macroscopic strain exerted on the body. On the other extreme, there is the Reuss assumption ͑evaluated for this case in Sec. IV C͒ which allows each crystallite to deform freely under the macroscopic stress state and disregards the compatibility of the crystallites. It is established that Voigt and Reuss assumptions yield too stiff and too compliant polycrystalline responses, respectively, 13, 15 and the true behavior is somewhere in between ͑see, e.g., self-consistent models 16 ͒. For the columnar grain morphology that we consider here, the Vook-Witt assumptions of equibiaxial strain in the plane, and zero stress in the out-of-plane direction can be regarded as a selective combination of Voigt and Reuss assumptions. van Leeuwen et al. 9 further propose that the strict polycrystalline constraint in the plane may be explained with the formation mechanism of growth stresses during deposition, where each individual crystal island is approached from all sides by its prospective neighbors. They report the success of Vook-Witt model in describing the diffraction data of a Ni film with columnar grain morphology and state that the interatomic forces that cause the growth stresses result in tightly connected grain columns in the plane of the film. Nevertheless, imposing equibiaxial strain on each crystallite is an idealization and cannot be strictly true. In reality, each crystallite will try to enforce its elastic anisotropy and reach a compromise with the compatibility constraints imposed by its neighbors. ͑These constraints, however, might be overwhelming in this case as proposed in Ref. 9 .͒ Furthermore, let us reiterate that we utilize the Vook-Witt assumptions only in an average sense: The data reflect averages over crystallites of the same orientation; however, each of these crystallites is surrounded by neighbors of very different orientations.
͑2͒ i3 s = 0. This assumption, which is well justified for a monolithic thin film, 8, 15, 17 is less comfortably asserted for a polycrystalline multilayer. The small size of the crystallites with respect to the thickness, in combination with the mosaic spread of orientations and the material alternation, suggests that i3 s can significantly accumulate in the interior layers. ͑Notice, at the surface of the film, i3 s = 0 is the boundary condition.͒ On the other hand, force balance dictates that ͐ A i3 s dA = 0 over an area A in the plane of any considered layer, provided that the dimensions of A are much larger than the depth of this layer measured from the surface. Note the maximum depth is achieved at the middle layer and it is equal to the half of the multilayer thickness ͑13.8 m͒. Thus, in any layer, the crystallite averaged i3 s has to be approximately zero over areas with, say, side dimensions that are an order of magnitude larger than 13.8 m. This area is much smaller than the overall area of the film, and coincidentally, comparable to the employed x-ray beam size.
s dA = 0 is, hence, an integral bound on the i3 s stresses in the crystallites of a layer, yet we lack the information on how smoothly i3 s varies over the crystallites which essentially determines how large the magnitude of i3 s can get in an individual crystallite. On the other hand, the fact that the diffraction data comes from multiple selected crystallites, should again help with the satisfaction of this assumption in an average sense, i.e., i3 s ͓g͔ = 0. Finally, we recall from Sec. I that what we essentially observe is the Poisson expansion/ contraction of the crystallites in the out-of-plane direction. Hence, the experimental data itself, which are sampled from the entire thickness of the multilayer, corroborate an approximate satisfaction of i3 s ͓g͔ =0. ͑3͒ Ignoring the interaction of Cu and Nb grains/layers. Equibiaxial strain with i3 s = 0 results in no out-of-plane shear ͑ 13 s , 23 s ͒ only for Nb ͓110͔ and Cu ͓111͔ axes that are exactly aligned with the film normal ͑ =0͒. With increasing , Vook-Witt predicted out-of-plane shear increases. These shear components have a large contribution in the observed diffraction strain features. ͑For example, artificially constraining 13 s = 23 s = 0, however, retaining 33 s = 0, removes all sharp features such as dips, humps, etc. Notice this elasticity problem yields equivalent results to the Vook-Witt model in the case of the grains for which =0.͒ In this vein, the question arises whether off-axis Cu grains are constrained for out-of-plane shears by Nb neighbors.
͑4͒ Elasticity. The model does not account for nonelastic strains. Almer et al. 8 proposed the directionality of the deposition defect population to explain lack of agreement in their monolithic-thin-film SXRD results and the Vook-Witt model. Also, we do not rule out dislocation-motion based plastic strains especially in Cu grains. From this regard, first we note that plasticity is path dependent and can be intro- duced during film deposition, relaxation due to substrate removal, and the application of the holding tension. And second, the active dislocation mechanism is altered at this length scale.
3
V. CONCLUSION
Residual stresses in free-standing Cu-Nb nanolayers were investigated with high energy x-rays and texturedependent diffraction strain modeling. Due to the sharp deposition texture and elastic anistropy of the constituents, both Cu and Nb diffraction strain results deviated from the predictions of a uniform strain tensor assumption. The texture was measured with the integrated intensity data for both phases and input to a Vook-Witt micromechanical model. The model-experiment comparison yielded high in-plane residual stresses, nominally 500 MPa in magnitude, compressive in Nb and tensile in Cu. These independently obtained phase stresses satisfy force equilibrium, providing further verification to the analysis. It should be noted that accounting for residual stresses of this magnitude is crucial for understanding the mechanical behavior of the material upon further loading. The Vook-Witt model successfully described the observed strain curves of Nb with ͓110͔ deposition axis; and thereby shed light to the nature of crystallite stress fields. Specifically, an equibiaxial strain field is predicted, which results in splitting of in-plane principal stresses in Nb crystallites. The same model, however, did not capture the features of the strain curve for the more elastically anisotropic Cu.
Future work will target understanding of this discrepancy. Experimentally, ͑i͒ growth stresses will be measured and ͑ii͒ the introduced high energy x-ray setup will be used to explore the features of the Cu/Nb strain curves before the multilayer is separated from the Si substrate. Analytically, polycrystal models that allow Cu-Nb granular interaction and also describe the plasticity mechanism at this length scale will be developed. 
